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The amorphization of Mg-Cu-Sn alloys with various compositions has been studied using the 
melt-spinning technique, with particular emphasis on the magnesium-rich corner of the ternary 
phase diagram. The results have been interpreted in terms of Miedema's theory, which highlights 
competition between the amorphous phase and crystalline solid solutions. Competition by 
ordered intermetallic compounds has also to be considered in order to explain the restricted 
amorphization region found in these experiments. 

1. I n t r o d u c t i o n  
In recent years, both thermodynamic and kinetic as- 
pects of the glass-forming ability (GFA) of binary 
metal systems have been extensively discussed (see, for 
example, [1-3]). Factors usually accepted as affecting 
GFA in binary alloys include size mismatch, valence, 
electronegativity, composition and the enthalpy of 
formation of defects such as vacancies [4]. Most of 
these factors are explicitly used in a semiempirical 
approach developed by Miedema and co-workers [5, 
6] and by some of the present authors [-7-9]. This 
approach, which is capable of predicting the possible 
glass-forming concentration ranges of binary 
transition metal alloys, is basically a combination of 
classical elasticity theory [10] and Miedema's model 
for the heat of formation of alloys [11], and consti- 
tutes an alternative to other thermodynamic treat- 
ments of glass formation such as the CALPHAD 
method (see, for example, [12, 13]). 

Theoretical studies of the GFA of alloys with more 
than two components are scarce. However, from the 
few carried out so far it has become clear that such 
factors as atomic size mismatch play a key role in 
determining the GFA of these systems too. For in- 
stance, Sommer et al. [14] have found that glass 
formation is possible in ternary magnesium-based 
alloys when the relative difference IrMg- ~[/~, where 
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?'Mg is the atomic radius of magnesium and ?, the mean 
of the atomic radii of the other two components, is 
greater than 10%; Ueno and Waseda [15] have pro- 
posed an empirical equation for calculating the min- 
imum solute concentration for glass formation in tern- 
ary alloys from the relative sizes of the components. 
Ueno and Waseda's equation is an extension of that 
proposed by Egami and Waseda [16] for binary alloys 
on the basis of an atomic elasticity theory. 

In order to obtain a method for quantitative estima- 
tion of the glass-forming concentration regions of 
multicomponent alloys, we have extended Miedema's 
theory to the ternary case [17]. The extension is not 
trivial due to the problem of calculating the size mis- 
match effect in this kind of system. As an application 
of the theory, we studied the amorphization of the 
Cu-Ti-Zr system [17], whose glass-forming behavi- 
our under melt-spinning shows the influence of com- 
peting crystal structures [18]. Further studies of other 
ternary alloys are evidently necessary. In the present 
work we explored the model by studying the ternary 
alloy Mg-Cu-Sn, checking the theoretical predictions 
against our own experimental data on the glass-form- 
ing region of this alloy, and against additional experi- 
mental information for the magnesium-rich corner of 
the Mg-Cu-Sn phase diagram [19, 20]. Sommer et al. 

[19] have carried out microcalorimetric measure- 
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ments of relaxation phenomena in magnesium-rich 
Mg-Cu-Sn glasses, and Sirkin et  al. [201 have used 
M6ssbauer spectroscopy and X-ray diffraction to 
study how the addition of tin increases the glass- 
forming concentration range of rapidly quenched 
samples of Mg-Cu (and Mg-Zn) binary alloys. The 
binary amorphous system Mg-Cu has recently been 
studied theoretically by de Tendler et  al. [9] on the 
basis of Miedema's theory, and our study can be 
considered as an extension of that work, mainly 
oriented towards investigating the influence of the 
addition of tin on the GFA of Mg-Cu. 

Some details of the experimental procedure used are 
presented together with the results obtained. The the- 
oretical model used to calculate the Gibbs free ener- 
gies of mixing of the competing phases in ternary 
alloys with GFA is briefly described; a more detailed 
description can be found elsewhere [17]. The results of 
our calculations for the Mg-Cu-Sn system and their 
comparison with the experimental data are presented. 

2. Experimental procedure and results 
In order to determine the glass-forming composition 
range of the Mg-Cu-Sn system, experiments were 
performed on samples from various regions of the 
phase diagram (Table I). Some of the samples corres- 
pond to characteristic points studied in previous work 
[20-23]. The alloys labelled AI-All in Table I were 
prepared from 99.99% pure materials by melting un- 
der an argan atmosphere. Their homogeneity was 
checked by metallographic inspection. These alloys 
were quenched with a single-roller melt-spinning ap- 
paratus to obtain samples in ribbon form which had 
an average thickness of 2040  i.tm and were analysed, 
as were the crystallization products of the same melts, 
by X-ray diffraction (XRD) with CuK~ radiation. The 
results for alloys labelled B1-B5 in Table I were ob- 
tained previously by some of us [203 with the same 

equipment and under identical conditions as those for 
A1-All. Some characteristics of the samples studied 
and the results of our XRD analyses are summarized 
below. 

AI: Mg94.52Cu2.65 5n2.83. According to Chang et al. 
[213 , the products of the crystallization process are 
magnesium as a primary phase, the binary eutectic 
Mg-Mg2Sn and the ternary eutectic Mg-MgzCu- 
MgaSn. These three phases were all observed by us 
using XRD. The rapidly quenched samples presented 
a crystallin e XRD pattern in which magnesium and 
Mg2Cu were identified; neither Mg2Sn, nor tin in 
solid solution in magnesium or Mg2Cu, were ob- 
served. Mg2Sn may be present as a dispersed phase. 

BI: Mgss Cu2 Snl o. The composition of this alloy is 
approximately located in the Mg-Mg2 Sn eutectic val- 
ley [22-1, in accordance with which the crystallization 
products are the Mg-MgaSn eutectic plus the ternary 
Mg-Mg2Cu-Mg2Sn eutectic. Rapidly quenched sam- 
ples are partially amorphous, crystalline magnesium 
and Mg2Sn phases being identified as competing with 
glass formation [203. 

B2: Mg86CusSn9. The products of the crystalliza- 
tion process are the same as those of sample B1 [223. 
Rapidly quenched samples are partially amorphous, 
the crystalline phases competing with glass formation 
being magnesium and traces of the compound MgESn 
[203. 

A2: Mgss,45Cus.97Sns.as. The equilibrium struc- 
tures are magnesium as primary phase, the binary 
eutectic Mg-MgzSn and the ternary eutectic Mg- 
Mg2Cu-Mg2Sn [213. Rapidly quenched samples were 
partially amorphous. Magnesium and traces of 
Mg2Cu were observed competing with glass forma- 
tion. 

B3: Mg85Cu9Sn6. Not far from the composition of 
A2, rapidly quenched samples become fully amorph- 
ous [20]. This composition may be considered as 
a limit for complete amorphization. 

TABLE I XRD results for the samples studied. C, crystalline; PA, partially amorphous; T, traces (when small lines attributable to some 
crystalline phase are superimposed on the halo pattern); *, unknown equilibrium phases 

Sample Composition (at %) Equilibrium phases Fast-quenching results 

Mg Cu Sn Structure Identified phases 

A1 94.52 2.65 2.83 Mg, Mg2Sn, Mg2Cu C Mg, Mg2Cu 
B1 88.00 2.00 10.00 Mg, Mg2Sn, Mg2Cu PA Mg, Mg2Sn 
B2 86.00 5.00 9.00 Mg, Mg2Sn, Mg2Cu PA Mg, MgzSn (T) 
A2 85.45 8.97 5.58 Mg, Mg2Sn, Mg2Cu PA Mg, Mg2Cu (T) 
B3 85.00 9.00 6.00 Mg, Mg2Sn, Mg2Cu A 
B4 82.00 6.00 12.00 Mg, Mg2Sn, Mg2Cu PA Mg2Sn, Mg 
A3 70.00 10.00 20.00 Mg, Mg2Sn, Mg2Cu C Mg2Sn, Mg2Cu 
A4 78.37 12.00 9.63 Mg, MgzSn, Mg2Cu A 
B5 76.00 18.00 6.00 Mg, Mg2Sn, MgaCu A 
A5 74.24 22.72 3.04 Mg, Mg2Sn, MgECU A 
A6 82.68 12.32 5.00 Mg, MgaSn, Mg2Cu A 
A7 63.60 28.07 8.33 Mg2Sn, Cu2Mg, Mg2Cu PA Mg2Sn (T), Mg2Cu (T) 
A8 61.20 19.40 19.40 Cu2Mg + Sn in solution, C Mg2Sn 

Mg2Sn, Mg2Cu 
A9 52.00 24.10 23.90 CuzMg + Sn in solution, C MgaSn, CuzMg + Sn 

MgzSn,* in solution 
A10 33.33 33.33 33.33 MgCuSn,* C MgCuSn 
A 11 16.66 66.67 16.66 Cu4MgSn C Cu4MgSn 
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B4: Mg8zCu6Sn12. The products of the crystalliza- 
tion process are Mg2Sn as primary phase plus the 
eutectics Mg2Sn-Mg and Mg2Cu Mg-Mg2Sn [21, 
22]. Rapid quenching affords an amorphous phase 
and, in addition, crystalline MgzSn and Mg phases 
[203. 

A3: MgToCuloSn2o. The equilibrium structure con- 
sists of MgzSn as primary phase, the binary eutectic 
Mg2Cu-MgzS n and the ternary eutectic MgzCu- 
Mg2Sn-Mg [21, 22]. Only Mg2Sn and MgzCu were 
observed in the rapidly quenched samples. 

A4:Mg78.37Cu12Sn9.63; B5: Mg76CutsSn6. The 
crystallization products are the same as those of alloy 
A3. Rapidly quenched samples were amorphous. 

A5: Mg74.24Cuzz.72Sn3.o4. The equilibrium struc- 
ture consists of Mg2Cu as primary phase, the binary 
eutectic MgzCu-Mg2Sn and the ternary eutectic 
Mg2Cu-Mg2Sn-Mg [21, 22]. The rapidly quenched 
samples were amorphous. 

A6: Mg82.6sCUlz.32Sn5. Not far from the ternary 
eutectic composition Mg82.1oCux3.50Sn4.40 [21, 22], 
the equilibrium phases Mg2Sn, Mg2Cu and magnes- 
ium were observed. Rapidly quenched samples were 
completely amorphous. 

A7: Mg63.6oCu28.o7Sn8.33. This composition cor- 
responds to that of the Mg2Sn-Cu2Mg-Mg2Cu eu- 
tectic [23]. Rapid quenching yielded an amorphous 
phase with traces of Mg2Sn and Mg2Cu. 

The compositions of the following samples are 
located in regions of the ternary phase diagram for 
which no information about the equilibrium structure 
has hitherto been published. The crystalline phases 
reported were observed using XRD. 

AS: Mg61.2oCu19.4oSn19.40. The equilibrium phases 
observed were Cu2Mg with 15 at % Sn in solid solu- 
tion (in keeping with Pearson [243), MgzSn and 
a small quantitY of Mg2Cu. In the rapidly quenched 
samples, only the crystalline MgzSn phase was de- 
tected. 

A9:Mg52Cu24.1oSn23190. The crystalline phases ob- 
served were CuzMg with 15 at % Sn in solid solution 
(cf. Pearson [24]), and Mg2Sn. In addition, the X-ray 
diffractograms showed four unidentified lines. Rapid 
quenching afforded both crystalline phases, but the 
unidentified lines did not appear. 

A10: Mga3.aCu33.3Sn33.3. The MgCuSn peak [253 
and two unidentified peaks were observed. In the 
rapidly quenched samples, the ternary phase was also 
observed. 

A11:Mg16.66Cu66.67Sn16.66. Both the conventional 
alloy and the rapidly quenched samples consisted of 
crystalline CugMgSn [25]. 

It should be mentioned that the results obtained by 
Sommer et al. [19] with a rotating wing device [26] do 
not contradict the results reported in this work, 
because their quenching rate (10 s Ks  -1) was faster 
than that attributed to the melt-spinning technique 
(10 6 K s - l ) .  

3. Theoretical model 
For theoretical estimation of the composition region 
in which the alloy Mg-Cu-Sn can form glasses when 

rapidly quenched from the melt, we have used the 
model developed elsewhere [17], whose main ingredi- 
ents are described below. 

In the same way as for binary alloys [5=9], we write 
the enthalpy of formation of a ternary solid solution of 
metals A, B and C as 

A tssol AH~Bc + AH~Bc (1) **ABC = 

where AH~,BC is a chemical contribution due to elec- 
tron redistribution occurring when the alloy is formed, 
and AH~,BC is an elastic contribution due to atomic 
size mismatch. Strictly, a third contribution should 
perhaps be included in Equation 1 to take into ac- 
count the possible differences in valence and crystal 
structure of the components. However, within the 
context of Miedema's model, this structural contribu- 
tion can only be calculated for transition metal alloys 
in which the valence electrons occupy a common 
d-band, not for alloys which, like Mg-Cu-Sn, include 
non-transition metals; and in any case, neglect of the 
possible structural contribution should not substan- 
tially modify our results, because there are good rea- 
sons to believe that this contribution is considerably 
smaller than the other two [7]. 

As indicated elsewhere [17], the chemical contribu- 
tion to the heat of formation of the ternary solid 
solution with atomic composition (XA, XB, XC) can be 
calculated from the expression 

XiXj A c , , AH2Bc ----- ~_, ~ gij(xi ,  x j )  (2) 
i<j XiXj 

where AH~(x~, x)) is the chemical contribution to the 
heat of formation of the associated binary alloy/j of 
composition (x~, x)) (x~ + x) = t) given by 

xi  
x~ - (3a) 

x~ + xj  

, x j  
x i = (3b) 

xi  + Xj 

The chemical contributions of the binary alloys can be 
computed, as indicated by De Boer et al. [11], in terms 
of the electronegativities, molar volumes and electron 
densities at Wigner-Seitz cell boundaries of the pure 
metals. 

To calculate the elastic contribution to the heat of 
formation of ternary solid alloys, AH~Bc, we have 
proposed a many-step process based on an extension 
of Eshelby's formula [10]. The original Eshelby for- 
mula is strictly valid for binary alloys at low solute 
concentration. The many-step method generalizes 
that used by L6pez and Alonso [27] for binary alloys. 
For the reader's convenience, we briefly describe the 
basic ideas of this method for obtaining AH~,BC [17]. 

Consider the formation of a ternary alloy with n; 
(i -- A, B, C) moles of component i as a many-step 
process. Starting with nn moles of the host metal A, we 
first add n~ moles of metal B to form a dilute alloy 
(n~ ~ ha). Eshelby's elasticity theory affords the cor- 
responding elastic energy as [10] 

AHe(1) = x ~ l  - x 1 (7* -- 1)71]Ah.(B in A) (4) 
t_ 
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where Ah r (B in A) is the elastic contribution to the 
heat of solution of B in A, given by 

2kI3ILtA(V" A --  VB) 2 
Ah~(B in A) = (5) 

3k~ VA + 4~tA VB 

4~A 
y~ = 1 + - -  (6) 

3kA 

and 

4gA 
~1 = 1 + - -  (7) 

3kB 

~t a being the shear modulus of the host, ka and k, the 
bulk moduli of the host and solute metals, respect- 
ively, and VA and VB the atomic volumes. The com- 
position x~ is defined by 

x~ = 
n A + n~ 

p \ hA + riB/ 

= ~ ( x A ~ B x B  ) 

where p in the denominator indicates that the binary 
alloy A-B will be formed after p steps. The resulting 
dilute alloy is now considered as a monoatomic host 
Az with atomic volume 

VA, = XB 1 V B -q- (1 - -  x 1) V A (9) 

(from the Vegard law) and elastic constants 

kA kB 
kA' = 0~lk A q- (1 --  cq)kB (10) 

and 

~IA ~B 
]'tAx : 0~lp A "-I- (1 - -  0~I)~B (11) 

where ~ is the volume concentration of B in the dilute 
alloy, given by 

V. 
al = xB a V B + ( I _ x B  1)VA (12) 

To this host A~ a few more moles of component B, nB z, 
are added, and the elastic energy is again calculated 
using Eshelby's equation as 

AHe(2) = (x~)* {1 - / x  2"1.[-(]/2 - , B! [(~2 ~ ] }  Ah~(BinAI) 

(13) 

where 

and 

Ah~(B in A1) = 
2kB~t&(VA,- VB) 2 

3kB V& + 4~A , VB 

4~A 1 l + - -  
3kAl 

4JaA~ 
132 = l + - -  

3kB 

In Equation 13, (x~])* is a fictitious B-composition 
given by 

ng 
(x2)* - n a + n ~ + n ~  (17) 

and is to be distinguished from the net B-composition 
at this stage of the process, given by 

x~ - n~+n~ = 2x~ 
nA + + 

2 ( x  xa f~B) (18) 
P A+ 

The process can be continued in this way to form, after 
a sufficient number of steps, p, the binary alloy A-B. It 
is now this binary alloy that is considered as a host to 
which a few moles of component C, n~, are added; this 
allows Eshelby's equation to be used once more to 
calculate the elastic energy. The process can then be 
repeated a sufficient number of steps, q, until finally 
the ternary alloy A-B-C with the desired composition 
(xA, xB, Xc) is obtained. The total elastic energy of the 
alloy (per mole of the final ternary alloy) is calculated 

(8) by adding the elastic energies corresponding to every 
step 

p - 1  
AH~.c = ~ AHe(m)P(m) 

m=l 

+ AH~(p)(xA + xa) 

q - 1  

+ ~ AHr + n)Q(n) 
n=l  

+ AHe(p + q) (19) 

where the factors P(m) and Q(n) are given by 

(20) 
q 

Q(n) = H [1 - (x~)*] (21) 
k = n + l  

In the amorphous state the elastic contribution is 
absent (or at least is much smaller than in the solid 
solution), so that the enthalpy of formation can be 
written as 

am AHAHc AH~Bc + xAAH~ -~ 

+ xBAH~ -s + xcAH~ -s (22) 

where AH a-~ is the enthalpy diffeence between the 
amorphous and crystalline states of pure element i. To 
compute these quantities we have used the equation 
proposed by Van Der Kolk et al. [6]. 

AH~ -s = ~ T m ,  i (23) 
(14) 

where ~ = 3.5 J tool -~ K -~ and Tm,~ is the melting 
temperature of component i. In Equation 22, the 

(15) chemical contribution AH~.Bc, given by Equation 2, 
has been obtained taking into account the occurrence 
of chemical short-range order in amorphous alloys 
[28]. We have also assumed that the solid solution has 

(16) the same degree of short-range order as the amorph- 
ous alloy. 
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To compute the Gibbs free energies of the various 
phases, which show their relative stabilities, the en- 
tropies of mixing have also to be specified. In our 
calculations we have, for simplicity, assumed the ideal 
solution model for the entropy of mixing in both the 
amorphous and solid solution phases, i.e. 

A S  = - -  R ( X A l n X A  + XBlnXB + xclnxc) (24) 

where R is the gas constant. However, it should be 
borne in mind that the configurational entropy is very 
much the same in these two phases [29], so that 
a more realistic approximation for the entropy of 
mixing will simply shift the corresponding Gibbs free 
energy surfaces without changing their relative posi- 
tions. 

4. Glass format ion  in M g - C u - S n  
In Fig. 1 we show the glass-forming diagram cal- 
culated for the system Mg-Cu-Sn. The calculations 

were carried out for room temperature, at which the 
values of the elastic coefficients of the pure metals 
(needed for obtaining AH~Bc) are available [30]. Sev- 
eral regions can be distinguished in the diagram. In 
the region labelled A the free energy of the amorphous 
phase is more negative than that of the solid solution 
and the system should, in principle, be readily amor- 
phized. In the region labelled S, the solid solution is 
more stable than the amorphous phase. In the regions 
labelled I, the system is unstable and consists of 
a simple mixture of the unreacted crystalline elements. 
The amorphous region is bounded by what are called 
To curves [1, 31], which are defined by the composi- 
tions at which the free energies of the amorphous 
phase and the solid solution have the same value. 

Fig. 1 shows the compositions of the samples 
A4, As, A6, B3 and Bs of section 2 which afforded 
homogeneous amorphous Mg-Cu-Sn alloys under 
single-roller melt-spinning at an estimated cooling 
rate of 106 Ks -1, the compositions of the partially 

Sn  

A 

, , o  

-'1- Mg2Sn 

A9 / / ~ S 

-r- / 8 / / A 3  

A l l  / / Jr- -'1" 
+ / / / 

~ ~ A4 
/ / B4 

/ A7 ] 
-,-" / ~ ~ ( ~ D  B 

t / , 
/ 

/ / A 5 ( ~  �9 A6 ' 

I * I I �9 I /- 
Cu Cu2Mg Mg2Cu Mg 

Figure 1 Glass-forming diagram for the ternary Mg-Cu-Sn system calculated by considering competition between amorphous (A) and solid 
solution (S) phases. The permissible region for the latter is delimited by the T O ( ) curves. In regions labelled I the system consists of 
a mixture of the unreacted crystalline elements. Rapidly quenched samples A1-All and B1-B5, discussed in Section 2: ((3) totally amorphous, 
([]) partially amorphous, ( x ) crystalline. ( � 9  The compositions at which Sommer et al. [ 19] found homogeneous amorphous phases (- - -) 
lines joining the intermetallic compounds MgzSn, Cu2Mg and MgzCu. 
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amorphized samples A2, A7, B1, Ba and B4; and the 
compositions for which only crystalline phases were 
identified (samples A1, A3, As, A9, Alo and All). The 
compositions at which Sommer et  al. [19] achieved 
total amorphization using a rotating wing apparatus, 
which allows cooling rates as fast as l0 s K s- 1 are also 
shown. All the compositions for which amorphous 
phases have been identified are located in the magnes- 
ium-rich corner of the diagram, and all are included in 
the predicted glass-forming region A, except one point 
(B1) which is just outside the boundary of A. Some of 
the points of partial amorphization (A2,B2 and B4) 
are close to compositions at which Sommer et  al. [19] 
achieved a homogeneous amorphous phase, this dif- 
ference in behaviour probably being due to the differ- 
ent cooling rates attained in their work and ours. 

In connection with the latter result, it should be 
pointed out that the theoretical amorphization dia- 
gram of Fig. 1 assumes that the formation of energet- 
ically more stable intermetallic compounds can be 
inhibited kinetically. As indicated elsewhere [17], the 
possible interference of these compounds must be 
taken into account to explain the differences between 
the results obtained in a given experiment and the 
glass-forming composition range predicted by com- 
paring only the free energies of the amorphous phase 
and the solid solution. In the case of the binary alloy 
Mg-Cu, this point has been discussed in detail by 
de Tendler et  al. [9], who showed how the role played 
by the intermetallic compound Cu/Mg must be taken 
into account in interpreting the experimental range of 
total amorphization of Mg-Cu reported by Sommer 
et  al. [32]. Cu2Mg has a simple fcc crystal structure, 
so that the process of nucleation and growth of the 
compound competes with the formation of the 
amorphous phase. 

For the ternary alloy that we are now considering, it 
may firstly be pointed out that tin and magnesium 
have a strong tendency to association, not only in the 
melt [33] but also in the undercooled or amorphous 
state [34]. In rapidly quenched samples, this gives rise 
to the presence, in the amorphous material, of clusters 
of stoichiometric MgzSn, which at certain alloy com- 
positions can segregate to form a crystalline Mg2Sn 
phase if cooling is not fast enough to ensure com- 
pletely amorphous samples. This explains the partial 
amorphization of melt-spun samples with composi- 
tions B2 and B4, which were a mixture of the amorph- 
ous phase and the compound MgzSn together with 
magnesium crystals (whereas at similar compositions, 
complete amorphization, in keeping with the pre- 
dicted amorphization region, was achieved by 
Sommer et al. [19] using a faster cooling rate). 

The points labelled Alo and A~I in Fig. 1 corres- 
pond to the compositions of the intermetallic com- 
pounds MgCuSn and Cu4MgSn, respectively. Their 
calculated free energies are respectively -11 .8  and 
- 1 0 . 6 k J m o l  -a, while the free energies of the 

amorphous phase at these compositions are - 8 . 7  
and - 6 . 6  kJmo1-1. Because the compounds have 
simple fcc  crystal structures [21], they can compete 
well with the amorphization process, which explains 
their appearance in the rapid-quenching experiments. 

2 i l l  , i i 

c 

-lO 

Mg2Sn 
-14 ~ , , I , , , , r , , ~ , ~ p  

0.3 0.4 0.5 0.6 0.7 
X~ 

Figure 2 Calculated flee energies of the solid solution (S) and the 
amorphous phase (A) along the straight line joining the intermetal- 
lic compounds Cu2Mg and Mg2Sn. The free energies of these 
compounds, calculated as indicated elsewhere [7, 11], are also 
shown in the figure. 

The rapid-quenching results corresponding to other 
points of Fig. 1 are likewise impossible to explain 
solely in terms of competition between the amorphous 
and solid solution. The alloy composition labelled A9, 
for instance, is near the straight line between the 
points corresponding to the binary compounds 
Mg2Sn and Cu2Mg. The free energy of a mechanical 
mixture of these two compounds is lower than that of 
the competing ternary amorphous alloy (Fig. 2), so 
that these compounds must appear in the quenched 
samples unless they are by-passed kinetically, which 
does not occur (Table I). A similar interpretation can 
be given to the rapid-quenching result corresponding 
to the point A3 of Fig. 1, which is close to the straight 
line between the points corresponding to the binary 
compounds Mg2Cu and Mg2Sn. Of course, a more 
quantitative interpretation of the rapid-quenching re- 
sults of Fig. 1, including those for samples in which the 
amorphous alloy coexists with crystalline phases, 
would require the construction of the metastable equi- 
librium phase diagram using the common-tangent- 
plane method [35]. However, this is a non-trivial task 
which requires very accurate estimation of the free 
energies of the phases involved, and it has not been 
attempted in this work. Additionally, it is not clear to 
what extent metastable equilibrium actually occurs in 
real samples. 

Some considerations are in order with respect to the 
binary systems Mg-Cu, Cu-Sn and Mg-Sn associated 
with the ternary alloy Mg-Cu-Sn. As indicated above, 
the binary system Mg-Cu has been studied in detail 
by de Tendler et  al. [9] who, like us, used Miedema's 
theory, but in a way differing in some respects from 
our approach here. Specifically, de Tendler et  al.'s 

calculations were carried out assuming that both the 
amorphous phase and the solution are statistically 
ordered, whereas we have performed more realistic 
calculations considering the presence of chemical 
short-range order [28]; moreover, de Tendler et  al. 
obtained free energies for 380 K (the glass temperature 
of Mg-Cu at the eutectic composition Xc, = 0.145 
[32]), whereas our calculations have been carried out 
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for room temperature, for which the elastic coefficients 
of the pure metals are known [30]. In spite of these 
differences, it is worth noting that, according to Fig. 1, 
the glass-forming region for Mg-Cu would, if the 
formation of intermetallic compounds could be kin- 
etically inhibited, be 0.13 ~< xMg ~< 0.90, which is very 
close to the range 0.12 ~< xMg <~ 0.92 found by de 
Tendler et al. Similarly, the glass-forming range for 
Cu-Sn in Fig. 1, 0.08 ~< Xcu ~< 0.70, is in reasonable 
agreement with the experimental result 0.1 ~< Xcu ~< 0.8 
obtained by Korn et al. [36, 371 using flash evapor- 
ation and deposition on cold substrate, which achieves 
high quenching rates and so prevents the formation of 
any crystalline phases. Finally, our prediction that 
Mg-Sn is not a good glass former (Fig. 1 shows the 
solid solution to be more stable than the amorphous 
phase over the whole range of concentrations) is also 
in agreement with experiment [14]; as noted above, 
the amorphization of this system is made even more 
unlikely by the strong tendency of magnesium and tin 
to associate, which readily gives rise to the formation 
of nuclei for the crystallization of MgzSn. 

5. Conc lus ion  
The model used in this work, which is basically an 
extension of Miedema's theory to ternary alloys, pre- 
dicts an extensive glass-formation region for the sys- 
tem Mg-Cu-Sn. Our predictions are in agreement 
with our experimental results on magnesium-rich 
Mg-Cu-Sn glasses and with available information for 
the associated binary alloys. The discrepancies be- 
tween the concentration region obtained by compar- 
ing the free energies of the amorphous phase and the 
solid solution and the results of certain experiments 
can be explained in terms of the influence of compet- 
ing crystalline compounds. 
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